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Processing, microstructure and mechanical properties
of hot-pressed SiC continuous fibre/SiC composites
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SiC (SCS-6TM) continuous fibre/SiC composites were fabricated by hot-pressing at 1700 °C in

vacuum using an Al sintering additive. Analytical transmission electron microscopy was

used to investigate the microstructure of the composites. The room-temperature mechanical

and high-temperature creep properties of the composites were investigated by four-point

bending. The SiC powders used were sintered at a relatively low sintering temperature to

high density (97% of theoretical density) with the addition of the Al sintering additive. It is

believed that the Al additive is very efficient for the densification of SiC. The SiC fibres

maintained their original form and microstructure during fabrication. The SiC matrix reacted

with the outermost carbon sublayer in the fibre, forming a thin (1.8—4.8 lm) interfacial layer,

which was composed of Al4C3, Si—Al—C, and Si—Al—O phases. The incorporation of SiC fibre

into a dense SiC matrix significantly increased the room-temperature failure strain and

improved the high-temperature creep properties. In addition, the incorporation of SiC fibre

into a porous SiC matrix increased the room-temperature failure strain, but did not

contribute to the high-temperature creep properties.
1. Introduction
Silicon carbide (SiC) possesses excellent high-temper-
ature strength, stiffness, oxidation resistance, and low
density and can be fabricated at low cost, making it
a prime candidate for high-temperature structural ap-
plications. However, SiC is extremely brittle so that it
fails in a brittle fashion with very little deformation to
failure. This can be a major problem when it is utilized
in weight-bearing areas of structural applications.
Fibre-reinforcement is a promising strategy for
strengthening SiC. In the present study, an attempt is
made to improve the fracture toughness of SiC by the
incorporation of SiC (SCS-6TM) continuous fibre (Tex-
tron Specialty Materials, Lowell, MA 01851, USA) in
a unidirectional array. The SiC fibre is an important
reinforcement for ceramic- and metal-matrix com-
posites, due to its high tensile strength (3450 MPa),
high tensile modulus (400 GPa), and low density
(3.0 g cm~3) [1].

Generally, the densification of pure SiC is extremely
difficult because of its covalent nature. Therefore, sev-
eral sintering additives, such as C [2, 3], B [2—4], Al
[3, 5], Al

2
O

3
[6, 7], B

4
C [7], B and C [2, 3], and

B and Al [4], have previously been used to fabricate
fully dense SiC. In this work, an Al sintering additive
was chosen to facilitate a low densification-temper-
ature in order to minimize the SiC fibre degradation.
Two kinds of SiC (SCS-6TM) fibre/SiC composites

were fabricated by hot-pressing under different ap-
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plied pressures of 31.0 and 20.7 MPa in vacuum using
the Al sintering additive. The purpose of this study
was to investigate the microstructure of the com-
posites and to understand the role of the Al additive
on the composites and also investigate the relation-
ship between the microstructural features and mech-
anical properties.

2. Experimental procedures
The materials used in this study were (1) commercial-
grade b-SiC powder (Superior Graphite Co., Chicago,
IL), (2) SCS-6TM SiC fibre, and (3) Al metal powders
(Aluminium of America, Pittsburgh, PA) as a sintering
additive. The b-SiC and Al (5 wt%) powders were
mixed in a polyethylene mill jar with ethyl alcohol, to
form a slurry which was milled for 8 h using Si

3
N

4
balls and was then dried in a drying oven. To break up
agglomerates, the dried mixtures were ball-milled for
5 min. The SiC fibres were wound onto plastic foils
with a linear density of 6 fibres per mm in a unidirec-
tional array and then fixed using a sprayed Krylon
type adhesive in order to avoid contact between the
fibres. The fibre foils were dried and then cut into
small sections (54]54 mm). The dried mixtures of SiC
and Al powders were spread between the fibre foils in
the press die cavity (54]54 mm). The die cavity and
punch were coated with a thin layer of boron nitride

(BN) in order to avoid reaction with the graphite die.
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Subsequently, two kinds of SiC fibre/SiC composites
were fabricated by hot-pressing at 1700 °C under dif-
ferent applied pressures of 31.0 and 20.7 MPa for 1 h
in vacuum. The composites fabricated at applied pres-
sures of 31.0 and 20.7 MPa are denoted as composite
A and B, respectively. The composites A and B con-
tained 22 and 18 vol% SiC fibre, respectively. The
composites were cooled to room temperature and
then machined into rectangular bars (3]4]45 mm),
in which the fibres were parallel to the longitudinal
direction.

The microstructural information on the composites
was obtained from transmission electron microscopy
(TEM). Cross-sectional TEM specimens were sec-
tioned perpendicular to the fibre with a low-speed
diamond saw and mechanically ground to &300 lm.
Circular discs of 3 mm in diameter of the specimens
were core drilled from the ground sections. The speci-
mens were mechanically ground to &120 lm, and
then dimpled to &30 lm. The specimens were ion
milled with 5 kV Ar` ions at an incident angle of 12°
until perforation was achieved. A light carbon film
was evaporated onto the specimens in order to pre-
vent charging in the electron microscope. The micro-
structure and chemistry of the specimens were investi-
gated by a bright field image, selected area diffraction
(SAD), convergent beam electron diffraction (CBED),
and energy dispersive X-ray spectroscopy (EDS) using
a Philips EM400T TEM and a Noran ultrathin win-
dow Micro-Z detector. The room-temperature me-
chanical properties of the composites were measured
at a crosshead speed of 0.5 mm per min by four-point
bending in accordance with ASTM standards D790
[8] and E4 [9] using an Instron universal testing
machine. In addition, the high-temperature creep be-
haviours of the composites were investigated by four-
point bending at 1100 °C and a bending stress of
100 MPa for 48 h in air.

3. Results and discussion
3.1. SiC fibre (22 vol%)/SiC composite

fabricated at an applied pressure of
31.0 MPa (composite A)

3.1.1. Microstructure
The SiC matrix in composite A was dense (97% of
theoretical density) and fine-grained and contained
many twins within the grains, as shown in Fig. 1(a).
An Al-rich second phase (e.g., Al

2
O

3
) was found at the

matrix grain boundaries, Fig. 1(b). The grain bound-
ary phase was probably responsible for the densifica-
tion of the SiC powders. The SiC matrix contained
a small amount of Al (Fig. 1(c)) producing SiC—Al
solid solutions. The solubility of Al in SiC at 2200 °C
has been reported as 1.0 wt% [10]. These results are
consistent with the observation reported by Hammin-
ger et al. [11], who found that most of the Al was
segregated at the SiC grain boundaries and a little Al
was present within the SiC grains. The SiC matrix
existed mainly as b-SiC with a cubic structure
(a"0.435 nm) and sometimes as a-SiC with a hexag-

onal structure (4H, 6H, or 8H).
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Figure 1 (a) Bright field image of SiC matrix in composite A.
(b) EDS spectrum obtained from Al-rich second phase (Al

2
O

3
)

formed at the matrix grain boundaries. (c) EDS spectrum obtained
from the matrix having a small amount of Al, forming SiC—Al solid
solutions.

The SiC fibre in composite A was uniformly distrib-
uted through the matrix. The microstructure of the
fibre, which had undergone relatively high-temper-
ature (1700 °C) exposure during fabrication, was in-
vestigated. It was found that the fibre was undamaged
by the fabrication, thus clearly showing several differ-
ent layers (core carbon, inner carbon layer, SiC layer,
and outer carbon layer) similar to the unprocessed
single SiC (SCS-6TM) fibre reported by Ning and
Pirouz [12]. Fig. 2(a) shows a bright field image of
a core carbon, inner carbon, and SiC layer in the SiC
fibre. The microstructure of the SiC layer with

columnar grains was identified as b-SiC with a cubic



Figure 2 (a) Bright field image of a core carbon, inner carbon, and
SiC layer in the SiC fibre (composite A). (b) CBED pattern obtained
from the SiC layer.

structure, Fig. 2(b). Small equiaxed SiC grains were
grown on the outside of the columnar SiC grains
before the growth of the outer carbon layer, as shown
in Fig. 3. In the outer carbon layer, SiC particles
(indicated by arrows) were embedded within carbon.
The outer carbon layer was designed to protect the
SiC layer against damage due to the interfacial reac-
tion with the matrix and to relieve stress concentra-
tion at the surface of the SiC layer. It also serves as
a mechanical de-bonding layer between the matrix
and fibre [13].

In an attempt to determine the nature of the reac-
tion between the fibre and matrix during fabrication,
the interfacial region between these two components
was investigated. It was found that the outermost
carbon sublayer in a SiC fibre reacted with the matrix
during fabrication to produce a thin interfacial region
(1.8—4.8 lm). Fig. 4 shows a bright field image of an
interfacial region between the outermost carbon sub-
layer and the matrix. The thicknesses of the outermost

carbon sublayer and matrix interacted are &0.56 and
Figure 3 Bright field image of small equiaxed SiC grains grown on
the outside of the columnar SiC grains in the SiC fibre.

Figure 4 Bright field image of an interfacial region between the SiC
matrix and the outermost carbon layer in the SiC fibre (com-
posite A).

&1.68 lm, respectively. In order to investigate the
microstructure of the interfacial region in detail,
a bright field image of the interfacial region was ob-
tained at high magnification, Fig. 5(a). The interface
between the interfacial region and outermost carbon
sublayer was relatively sharp, while the interface be-
tween the interfacial layer and matrix was usually
wavy. Most of the interfacial region was Al

4
C

3
with

a rhombohedral structure (a"0.334 nm and
c"2.499 nm), Fig. 5(b), which shows a SAD pattern
obtained from the Al

4
C

3
which was formed by the

following chemical reactions: 4Al#3C"Al
4
C

3
[14]

and 3SiC#4Al"Al
4
C

3
#3Si [15]. A small amount

of Si was often detected near the Al
4
C

3
.

An Al
2
SiO

5
phase with an orthorhombic structure

(a"0.779 nm, b"0.789 nm, and c"0.556 nm) was
formed at a weak interface between the interfacial
layer and matrix. The weak interface is desirable for
good fracture toughness because it makes the crack
initiated in the matrix deflect around the SiC fibres
and thus inhibits its propagation through the fibres.
Fig. 5(c) shows a CBED pattern obtained from the
Al

2
SiO

5
. It is important to note that some separations

were often observed at the interface between the inter-

facial region and outermost carbon sublayer. These
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Figure 5 (a) Magnified bright field image of an interfacial region
between the SiC matrix and the outermost carbon sublayer in the
SiC fibre (composite A). The Si—Al—C and Si—Al—O phases in the
interfacial region are indicated by A and B, respectively. (b) SAD
pattern obtained from Al

4
C

3
phase in the interfacial region.
(c) CBED pattern obtained from Al
2
SiO

5
phase in the interfacial

region.
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separations were responsible for the decrease in frac-
ture strength. In addition, Si—Al—C and Si—Al—O
phases were present at the inside and outside of the
interfacial region, respectively. In Fig. 5(a), the
Si—Al—C and Si—Al—O phases present in the inter-
facial region are indicated by A and B, respectively.
The Si—Al—C phase could be formed by chemical
reaction between Al and SiC [16] and also Al

4
C

3
and

SiC [14]. At present, the origin of the Si—Al—O phase
and the crystalline structure of the Si—Al—C and
Si—Al—O phases are not determined.

3.1.2. Room-temperature mechanical
properties and high-temperature
creep properties

The room-temperature mechanical properties of com-
posite A and monolithic SiC with the same porosity as
composite A are shown in Fig. 6. The incorporation of
SiC fibre into a SiC matrix resulted in an increase in
the strain to failure and a decrease in the fracture
strength, relative to the monolithic SiC. The weak
bonding between the interfacial region and matrix
contributed to a significant increase in the strain to
failure because of crack deflections around the fibres.
The decrease in fracture strength could result from
separations between the interfacial region and outer-
most carbon sublayer. Fig. 7 shows a deflection—time
behaviour of the composite A and monolithic SiC
with the same porosity as composite A, measured at
1100 °C and a bending stress of 100 MPa for 48 h. The
composite A shows a lower strain rate and deflection
than the monolithic SiC, indicating the benefit of fibre
additions. The improvement in high-temperature
creep properties could result from the fact that grain
boundary sliding in the matrix was hindered by the
fibres and also that deformation in the matrix was
restrained by the fibres.

Figure 6 Room-temperature mechanical properties of (a) com-
posite A and (b) monolithic SiC with the same porosity as com-

posite A.



Figure 7 Deflection—time behaviour of (a) composite A and
(b) monolithic SiC with the same porosity as composite A, meas-
ured at 1100 °C and a bending stress of 100 MPa for 48 h.

3.2. SiC fibre (18 vol%)/SiC composite
fabricated at an applied pressure of
20.7 MPa (composite B)

3.2.1. Microstructure
The microstructure of the matrix, fibre and
matrix/fibre interface in composite B was nearly iden-
tical to that in composite A except for the level of
porosity in the matrix. Thus, the microstructure of
composite B will only be briefly discussed. The SiC
matrix in composite B was less dense (88% of theoret-
ical density) than that in composite A, as shown in
Fig. 8, because of a lower applied pressure (20.7 MPa)
than that (30.0 MPa) in composite A during fabrica-
tion. The interfacial layer between the outer carbon
layer and matrix consisted of the same phases as
composite A, i.e., Al

4
C

3
, Si—Al—C, and Si—Al—O

phases. Also, the Al
2
SiO

5
phase was present at a weak

interface between the interfacial region and matrix.
The interface was weaker than that in composite A,
since the matrix in composite B was more porous than
that in composite A.

3.2.2. Room-temperature mechanical
properties and high-temperature
creep properties

Fig. 9 shows the room-temperature mechanical prop-
erties of composite B and a monolithic SiC with the
same porosity as composite B. The monolithic SiC
shows a linear elastic loading up to a brittle fracture,
which is a typical mode of ceramics. The fracture
strength of composite B is much lower than that of
composite A because of the high porosity in the
matrix. The pores in composite B act as a fracture-
initiating source. The presence of SiC fibre resulted in
a substantial increase in the strain to failure over the
monolithic SiC because of weak bonding between the
interfacial region and outermost carbon sublayer.
However, the incorporation could not contribute to
an improvement in high-temperature creep properties.
This could result from the fact that the fibre could not

inhibit the grain boundary sliding in the matrix, owing
Figure 8 Bright field image of SiC matrix in composite B.

Figure 9 Room-temperature mechanical properties of (a) com-
posite B and (b) monolithic SiC with the same porosity as com-
posite B.

Figure 10 Deflection—time behaviour of (j) composite B and (s)
monolithic SiC with the same porosity as composite B measured at
1100 °C and a bending stress of 100 MPa for 48 h.

to high porosity in the matrix. Fig. 10 shows a deflec-
tion—time behaviour of composite B and the mono-
lithic SiC with the same porosity as composite B,
measured at 1100 °C and a bending stress of 100 MPa

for 48 h. This figure shows that the deflection—time
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behaviour of composite B is nearly the same as that of
the monolithic SiC.

4. Conclusions
In this work, two kinds of SiC (SCS-6TM) continuous
fibre/SiC composites were fabricated by hot-pressing
under different applied pressures of 31.0 and 20.7 MPa
in vacuum using 5 wt% Al sintering additive. The
composites fabricated at applied pressures of 31.0 and
20.7 MPa during hot-pressing are denoted as com-
posite A and B, respectively. The density and fibre
volume fraction of composite A were 3.06 g cm~3

(97% of theoretical density) and 22%, respectively,
and the density and fibre volume fraction of com-
posite B were 2.78 g cm~3 (88% of theoretical density)
and 18%, respectively.

For composite A, a fully dense- and fine-grained
SiC matrix contained many twins within the grains.
An Al-rich second phase (e.g., Al

2
O

3
), which was for-

med at the matrix grain boundaries, was probably
responsible for the densification of the SiC powders. It
was found that the SiC fibres maintained their original
form and microstructure, indicating that no damage
occurred during the fabrication. The SiC matrix reac-
ted with the outermost carbon sublayer in the fibre to
produce a thin (1.8—4.8 lm) interfacial layer, which
consisted of Al

4
C

3
, Si—Al—C, and Si—Al—O phases.

The Al
4
C

3
phase was the major phase in the region.

The addition of SiC fibre into the SiC matrix resulted
in an increase in the room-temperature failure strain
and a decrease in the room-temperature fracture
strength, relative to the monolithic SiC. In particular,
the addition significantly improved the high-temper-
ature creep properties because grain boundary
sliding in the matrix was hindered by the fibres and
also deformation in the matrix was restrained by the
fibres.

The microstructure of the matrix, fibre, and
matrix/fibre interface in composite B was basically
equivalent to that observed for composite A except
for the level of porosity in the matrix. Since the SiC
matrix in composite B was less dense (88% of theoret-
ical density) than that in composite A due to lower
applied pressure than composite A, the fracture
strength of composite B was much lower than that of
composite A. The pores in composite B acted as a frac-
ture-initiating flaw, thus significantly decreasing the

room-temperature fracture strength. Also, the incor-
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poration could not contribute to the high-temperature
creep properties due to the high porosity in the matrix.
In conclusion, the Al sintering additive was very effi-
cient for the densification of SiC at a relatively low
sintering temperature. This low sintering temperature
enables the fibres to maintain their original form and
microstructure. It is also necessary to fabricate the SiC
fibre/SiC composites under sufficient applied pressure
during hot-pressing.
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